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Abstract
Aluminium-based metal matrix composites are widely used in the aerospace and
automotive industries, but their manufacturability and mechanical properties are not well
understood when these new materials are employed in additive manufacturing. This is an
important consideration because, compared with traditional manufacturing technologies,
additive manufacturing technologies such as selective laser melting (SLM) offer the ability
to manufacture engineering parts with very complex geometries. This paper systematically
studied the SLM of an advanced Al-Al2O3 nanocomposite that was synthesised using highenergy ball-milling. A finite element model was developed in the study to predict the
thermal behaviour of the composite in order to narrow down the process parameters to be
explored in the experiments; in particular, the SLM hatch spacing and scanning speed
were found to be worth further experimental investigation for the composites. The
experimental results demonstrated that the optimum laser-energy density and scanning
speed in fabricating nearly fully dense composite parts were 317.5 J/mm3 and 300 mm/s,
respectively. Furthermore, the as-fabricated composite parts were observed to exhibit a
very fine granular-dendrite microstructure due to the rapid cooling, while the thermal
gradient at the molten pool region along the building direction was found to facilitate the
formation of columnar grains. Compared to pure Al, the addition of 4 vol.% Al2O3
nanoparticulates was found to contribute to a 36.3% and 17.5% increase in the yield
strength and microhardness of the composite samples, respectively, because the
reinforcement particulates improved the dislocation density by offering more grain
boundaries. The paper also examines the influence of cold working on microstructural and
mechanical properties. In comparison with the as-fabricated composite sample, the coldworked composite sample was found to offer a 39% increase in microhardness; this is
thought to have been caused by plastic deformation, which in turn resulted in grain
deformation and elongation.
Keywords: Selective laser melting, Al-Al2O3 nanocomposite, finite element simulation,
cold working, microstructure, mechanical properties

1. Introduction
Aluminium-based composites are increasing applied within the aerospace, defence and
automotive industries due to these composites’ light weight, high specific strength,
excellent wear resistance and controllable expansion coefficients [1] [2]. A wide range of
reinforcement particulates (such as Al2O3, SiC, B4C, TiC and TiO2) have been used to date
[3]. In particular, nanoscale Al2O3 particulates are widely used in aluminium matrix
composites because, compared to other reinforcements, these particulates are capable of
improving both the wear behaviour and high-temperature properties of the fabricated parts

without introducing any undesirable phases [4]. Fabricating highly customised functional
components such as those used in the aerospace and automotive sectors is a challenge
when using traditional manufacturing technologies such as machining and casting,
however. In contrast, additive manufacturing (AM), one of the most rapidly developing
advanced manufacturing technologies in the world, provides an integrated way to
manufacture three-dimensional (3D) complex-shaped components from computer-aided
design models [5][6][7]. Amongst the most advanced of AM technologies, selective laser
melting (SLM) is a process that is widely used to manufacture complex metallic 3D parts
[8][9]. As such, this is a timely exploration of the potential of using SLM to fabricate
advanced engineering components made of Al-Al2O3 nanocomposites.
Several recent studies have successfully applied SLM in the fabrication of fully dense
Fe, Ti and Ni alloys [10] [11] [12]; some have examined the SLM of aluminium alloys in
particular. For instance, Rao et al. [13] investigated the influence of processing parameters
on aluminium alloy A357 manufactured via SLM and found that the anisotropy of SLMfabricated samples was caused by the directionality of the microstructure due to
differences in the deformation response in both horizontal and vertical tensile samples.
Prashanth et al. [14] studied the effect of heat treatment on the microstructural and tensile
behaviour of Al-12Si components produced by SLM; their study found that the annealing
temperature that is employed is a major factor in affecting the microstructural and
mechanical properties of the components. Kimura et al. [15] investigated the effect of Si
content on the mechanical and thermal conductivity of Al-xSi alloys fabricated via SLM and
found that, with an increase of Si content, both yield strength and ultimate tensile strength
increased, while elongation and thermal conductivity decreased.
Few studies have reported on the SLM of aluminium-based composites, however, even
though such composites offer various advantageous combinations of material properties.
This is mainly because when ceramic particulates are used, relatively high laser energy is
required to fully melt the reinforcement materials, in particular. Gu et al. [16] employed a
ytterbium fibre laser with a power of 200 W to fabricate AlSi10Mg-TiC nanocomposites and
found that a ring-structured nanoscale TiC reinforcement was uniformly distributed along
the Al boundaries, resulting in a remarkable improvement in both tensile strength and
microhardness.
Compared to the aforementioned aluminium alloys, pure aluminium exhibits higher
thermal conductivity and better corrosion resistance. The higher reflectivity and thermal
conductivity, however, make it more difficult to process pure aluminium using SLM
compared to aluminium alloys. Poor wetting ability is often considered to be another
challenge in the SLM of Al-Al2O3 composites, because this may give rise to the formation
of porosity and microcracks within the produced parts.
Accordingly, the aim of this study is to employ different combinations of process
parameters to examine relative density so that the optimum process parameters in the
SLM of dense Al-Al2O3 composites may be determined. The study conducts finite element
simulation to predict the thermal behaviour of the parts prior to the experiment in order to
narrow down the range of process parameters; it also investigates the microstructural and
mechanical properties of as-fabricated composite samples. It examines the influence of
cold working on various microstructural and mechanical properties as well as the
correlation between microhardness improvement and the microstructural changes induced
by cold working.

2. Simulation setup and experimental procedures
2.1. Finite element simulation
The ANSYS Multiphysics finite element package was used to build the premier layer’s
scanning model and to conduct the heat transfer numerical simulation. A rectangular
composite powder layer of 5 x 1 x 0.03 mm was built on a 5 x 1 x 0.12 mm aluminium
substrate (Fig. 1a). The composite powder layer was meshed with a 0.15 x 0.15 x 0.15
mm SOLID70 hexahedron element to improve calculation accuracy; coarse mesh was
used for the substrate. The premier layer that was built was reduced to three scanning
tracks in order to reduce the simulation time; a bidirectional scanning strategy was
employed to conduct the simulation (Fig. 1b).

Fig. 1. Simulation setup: (a) 3D finite element model and (b) scanning strategy.

The heat flux followed a Gaussian distribution (Fig. 1a) and may be expressed as [17]:
(1)
where is absorptivity, and
are laser power and laser spot radius, respectively;
denotes radial distance from the laser centre. This may be expressed as:
)
where variables

and

(2)

may be determined as:
(3)

where and denote the scanning speed and scanning time, respectively;
and
represent track number and track length, respectively; and is the hatch spacing. The
finite element simulation parameters that were chosen to simulate the scanning of the
premier layer’s composite powders are shown in Table 1.

Table 1
Finite element simulation parameters
Parameter

Value

Parameter

Value

Absorptivity,

8.76%

Convective heat
transfer coefficient,

10 W/(m2°C)

Powder bed thickness,

30 μm

Laser power,

200 W

Laser spot radius,

35 μm

Scanning speed,

100–1,000 mm/s

Preheated temperature,

170°C

Track length,

4 mm

Track number

3

Hatch spacing,

70, 100, 130 μm

2.2. Materials
The materials used in this study included gas-atomised Al (–325 mesh, 99.5%),
acquired from the Alfa Aesar Corporation (Ward Hill, Mass., USA); and Al2O3 particulate
(50 nm, transmission electron microscopy [TEM]), obtained from Sigma-Aldrich Ltd.
(Dorset, UK). A laboratory planetary mill with four working stations (PULVERISETTE 5
classic line, Fritsch GmbH, Idar-Oberstein, Germany) was employed to synthesise the
composite powder, which was composed of 96 vol.% Al and 4 vol.% Al2O3 powder. The
milling process was carried out under argon atmosphere for up to 20 h by employing a 10min milling and 15-min pause combination [18]. A Malvern Mastersizer 3000 (Malvern, UK)
and scanning electron microscopy (SEM) were used to study the particle-size distribution
and morphology evolution of the ball-milled powder. Fig. 2 shows the powder-morphology
evolution when 4 h and 20 h of milling were employed. As the figure shows, the Al
particles became welded together due to the ductile nature of Al after 4 h of milling, the
composite powder showed a much narrower particle-size range, and more nearly spherical
particles were formed when the milling time was extended to 20 h. More detail on the
process of the ball-milled composite powder may be found in the authors’ previous
publications [18][19].

Fig. 2. Scanning electron microscopy (SEM) micrographs showing the morphology evolution of
the ball-milled powder after (a) 4 h and (b) 20 h.

2.3. Selective laser melting process
A Renishaw AM250 (Renishaw Plc, Wotton-under-Edge, Gloucestershire, UK) SLM
system that employs a modulated ytterbium fibre laser with a wavelength of 1,071 nm was

used to fabricate tensile and cubic samples; the nominal diameter of the focussed laser
spot is 70 µm. The tensile specimens were fabricated horizontally; their dimensions were
determined according to ASTM-E8 / E8M-13a [20]. The as-fabricated 8 x 8 x 8 mm cubic
samples were vertically and horizontally sectioned using the YOZ and XOY planes to
investigate the effect of process parameters on the porosity distribution and to determine
the optimum process parameters (Fig. 3a). Because the laser that was employed uses
discrete point exposures instead of running continuously, the equivalent scanning speed
may be determined by:
(4)
where and denote the point distance and exposure time, respectively; represents
the laser’s moving speed between two adjacent points; it remains fixed at 5,000 mm/s (Fig.
3b). As shown in Fig. 3c, a bidirectional scanning strategy with a striped fill-hatch-type
scanning was employed for this study; the rotation angle between each adjacent layer was
set to 67° to eliminate the chance of scan lines repeating themselves directly on top of one
another, thus creating poor material properties.

Fig. 3. Schematic diagram of (a) section strategy for cubic sample; (b) laser working mode; (c)
laser scanning strategy.

The synthesised composite powder was placed to dry in a furnace set at 100°C for 24 h
under argon atmosphere. The process parameters used in the study are shown in Table 2.

Table 2
Process parameters
Parameters

Value

Laser power,

200 W

Layer thickness,

30 µm

Substrate temperature,

170°C

Point distance,

80 µm

Hatch spacing,

70, 100 µm

Scanning speed,

100, 150, 200, 300, 400, 600 mm/s

2.4. Material characterisation techniques
The sectioned horizontal and vertical samples were then polished using standard
techniques prior to optical microscopy (OM) observation; the relative density was
evaluated by image analysis using ImageJ software. For the microstructure analysis, the
samples were etched using Keller’s reagent for 30 s (190 ml distilled water, 5 ml HNO3, 3
ml HCL, 2 ml HF) prior to the OM and SEM inspection. Phase identification of the samples
was performed using X-ray diffraction (XRD) with Co kα (λ = 1.789 Å) radiation at 35 kV
and 40 mA in continuous-scan mode. Vickers microhardness tests were performed using
Innovatest (Maastricht, Netherlands) with a 100 g load and 10 s dwell time. The tensile
tests were carried out at room temperature using a Zwick/Roell tester with a strain rate of
0.3 mm/min. The cold-working process was performed on both horizontally and vertically
sectioned samples at room temperature using a universal testing machine (Autograph AG1 20 KN, Shimadzu, Kyoto, Japan) with a strain rate of 0.5 mm/min until the strain reached
40%.

3. Results
3.1. Thermal behaviour prediction
A series of simulations were conducted with different combinations of various process
parameters, including scanning speed (100–1,000 mm/s) and hatch spacing (70, 100 and
130 µm). Fig. 4 shows the predicted thermal performance at the midpoint of track 1 (see
Fig. 1b) under 200 W laser power and 100 µm hatch spacing. It is clear that the predicted
maximum temperature at the molten pool region decreased from 2,050°C to 1899°C when
the scanning speed increased from 200 mm/s to 400 mm/s; the obvious decrease in
molten pool dimensions was also caused by the increase in scanning speed (Fig. 4a and
b). Fig. 4c shows the maximum temperature variation of the midpoint of track 1 when the
scanning speed was varied from 100 mm/s to 1,000 mm/s. Due to the heat accumulation,
the predicted maximum temperature showed a slight increase along the scanning route;
this trend was more obvious at low scanning speeds. The simulation results also show that
the temperature generated on the powder bed was lower than 2,040°C (melting point of
Al2O3) when the scanning speed was greater than 400 mm/s, thus implying partial melting
and a porosity defect within the fabricated parts.

Fig. 4. Predicted thermal performance under 200 W laser power: molten pool dimensions at (a)
200 mm/s scanning speed and (b) 400 mm/s; (c) maximum temperature variation at track 1 with
scanning speed varying from 100 to 1,000 mm/s.

3.2. Relative density of as-fabricated samples
Fig. 5 shows the relative density of the as-fabricated samples in relation to laser-energy
density and scanning speed when laser power and layer thickness were maintained at 200
W and 30 µm, respectively. Laser-energy density ( ), which is used to quantify the laserenergy input, may be expressed as [21]:
(5)
where and denote laser power and scanning speed, respectively, and
represent layer thickness and hatch spacing, respectively.

and

Fig. 5. Relative density in relation to (a) laser-energy density and (b) scanning speed.

Fig. 5a shows the correlation between the laser-energy density and the relative density
of the as-fabricated vertically sectioned composite samples. The relative density increases
with an increase in the laser-energy density up to 317.5 J/mm3, at which point the
calculated relative density reached 99.49%; the relative density decreased with an
increase in the energy density afterwards. Variations in the laser-energy density are
generally caused by the scanning speed; as Fig. 5b shows, the relative density thus varied
as a function of the scanning speed in both the vertically and horizontally sectioned
samples when the hatch spacing was maintained at 70 µm. The relative density of both the
vertically and horizontally sectioned samples reached their maximums (99.49% and
99.85%, respectively) at a scanning speed of 300 mm/s. When the scanning speed was
greater than this threshold, the relative density decreased with an increase in scanning
speed. This situation could be explained by the fact that more heat energy was dispersed
to the powder bed due to the high thermal conductivity of aluminium. In addition, because
less heat energy accumulated at high scanning speeds, the accumulated heat energy was
insufficient to fully melt the composite powder.
The decrease in the relative density also may have been caused by the reduction of the
scanning speed when the scanning speed that was employed was lower than the
threshold. This situation may be explained by the laser’s working-mode transition from
conduction to keyhole mode, because a decrease in the scanning speed generally
resulted in a dramatic increase in laser-energy density when the scanning speed was
below the threshold. It should be noted that the overall relative density of the horizontally
sectioned samples was higher than that of the vertically sectioned samples at each of the
scanning speeds that were employed; this is thought to have been caused by the building
direction (see Fig. 3a).

Fig. 6. Optical microscopy (OM) images showing porosity development with scanning speeds of (a)
elongated sample at 300 mm/s; (b) 100 mm/s; (c) 200 mm/s; (d) 300 mm/s; (e) 400 mm/s.

The microstructure and porosity distribution of the vertically sectioned samples under
different scanning speeds are shown in Fig. 6. Fig. 6a shows the porosity distribution of
the elongated sample fabricated at 300 mm/s; a very small number of metallurgical pores
and keyhole pores were formed under this process condition. Fig. 6b–e show typical
microstructure and porosity distribution when the scanning speed varied from 100 mm/s to
400 mm/s. Both cracks and keyhole pores were generated in the samples fabricated at
100 mm/s and 400 mms, but only keyhole pores were observed in the sample under 200
mm/s; this situation may be attributable to the laser-energy density variation and the poor
wettability of the alumina particulates under different scanning speeds.
3.3. Phase identification and microstructure
Fig. 7 shows the XRD patterns of the composite powder ball-milled for 20 h and the asfabricated composite sample fabricated at 300 mm/s. The diffraction patterns exhibit
typical aluminium peaks, which suggests that contamination elements (e.g. iron) were not
present or were below detectable levels in both the high-energy ball milling and SLM
processes. It should be noted that the patterns of the Al2O3 powder were not detected in
the XRD patterns, which is thought to have been induced by the relatively low-volume

percentage of Al2O3 (4 vol.%) that was added in the Al matrix. Compared to the standard
patterns of commercial pure Al, however, the peaks of the two composite samples
exhibited a slightly horizontal offset. This can be explained by the fact that the Al 2O3
reinforcements were embedded in the Al matrix, which also broadened the peaks of the
composite samples. Furthermore, in the Scherrer equation, the term ‘full width at half
maximum’ (FWHM) refers to the grain size of the measured samples [22]. In general, a
larger FWHM value indicates a smaller grain size. The measured FWHM of the asfabricated composite sample was found to be 0.4723, which was a greater value than that
of the composite powder (0.3149). This indicates that fine grains were formed in the asfabricated composite samples because of the very high cooling rate that occurs with the
SLM process.

Fig. 7. X-ray diffraction (XRD) patterns of the composite powder and as-fabricated composite
sample fabricated at 300 mm/s.

Fig. 8 shows the microstructure of the as-fabricated and cold-worked composite
samples fabricated at 300 mm/s. Fig. 8a (1–3) shows the microstructure of the asfabricated horizontally sectioned sample with three different magnifications. The molten
pool tracks after solidification were clear and intact without obvious porosity present, thus
implying that alumina particulates showed good wetting ability and that dense parts could
be produced under the process parameters that were employed. The as-fabricated sample
showed a granular microstructure; the microstructure was considered to be that of
aluminium caused by the rapid solidification due to the laser irradiation, as reported by
Kimura et al. [15]. Furthermore, the microstructure at the molten pool region showed
different development; in that case, a relatively fine microstructure was observed within the
molten pool as compared to the coarse microstructure found at the boundary regions of
the molten pool (Fig. 8a-2, 3).
The microstructure of the cold-worked horizontal section is shown in Fig. 8b (1–3).
Compared to the as-fabricated sample, cold working tended to close the porosity by
deforming the solidified molten pool profile. Furthermore, the grains became deformed and
elongated due to the plastic deformation; this contributed to an improvement in strength
because of the entanglement of dislocations with grain boundaries and with one another.
Both relatively fine and coarse microstructures were also observed at the molten pool
region.

It should be noted that a heat-affected zone (HAZ) around the molten pool in the
previously deposited layers was also clearly visible. This finding shows agreement with the
work of Thijs et al. [23]; that study noted a transition from a fine to a coarse cell structure
that formed during the SLM of an aluminium alloy.

Fig. 8. OM images showing the microstructure of composite samples fabricated at 300 mm/s: (a1–
a3) as-fabricated horizontal section; (b1–b3) horizontal section after cold working; (c1–c3) asfabricated vertical section; (d1–d3) vertical section after cold working.

Fig. 8c (1–3) shows the microstructure of an as-fabricated vertically sectioned
composite sample. The formation of semi-circular molten pools was also attributable to the
Gaussian-distributed heat flux. Molten pools were present at a certain angle, which is
thought to have been induced by the rotation angle (67°C) between each adjacent layer;
the layering was done to eliminate the chance of scan lines repeating themselves directly
on top of one another. A good metallurgical bonding between two adjacent layers was thus
formed under this condition, though some open pores and oxides still remained (Fig. 8c–1).

It should be noted that columnar grains were formed and grew along the building
direction – or rather they grew along the positive temperature gradient (Fig. 8c 2–3). The
microstructure of the cold-worked vertical section is shown in Fig. 8d (1–3), which shows
the effect of cold working on the microstructure change. This was similar to the
microstructure at the horizontal section: that is, the semi-circular molten pools at the
vertical section tended to be deformed and close porosity due to severe plastic
deformation. The columnar and dendrite microstructures, however, were observed to be
reduced greatly compared to the microstructure at the as-fabricated vertical section (Fig.
8c 2–3). This is thought to have been induced by the cold-working process: since the
direction of the compression force that was employed was perpendicular to the vertical
section, the grains tended to become deformed and elongated when subjected to plastic
deformation. The columnar and dendrite microstructures were thus broken, which
contributed to the entanglement of dislocations with grain boundaries and with one another
(Fig. 8d 2–3).

Fig. 9. Back-scattered SEM micrographs showing (a) uniform distribution of Al2O3 reinforcement in
Al matrix (via energy-dispersive X-ray spectroscopy [EDS]); (b) as-fabricated horizontally sectioned
sample; (c) cold-worked horizontally sectioned sample.

Fig. 9 shows the back-scattered SEM micrographs of as-fabricated and cold-worked
samples; these images are useful for further investigation of the microstructure change.
The distribution of Al2O3 particulates is shown in Fig. 9a 1. The energy-dispersive X-ray
spectroscopy (EDS) mapping indicates that the aluminium and oxygen contents at the
measured surfaces were 98.4 wt.% and 1.6 wt.%, respectively (Fig. 9a 2–3). The
measured oxygen content was lower than the theoretical weight percentage of oxygen
2.66 wt.% [18], which may be explained by two factors. First, the EDS element analysis is

a semi-quantitative analysis, which means that it can only measure the element content at
the sample surface rather than the bulk sample; second, due to the oxidation that occurs,
a very thin oxide film (roughly 3 nm) was formed on the sample surface. The backscattered SEM micrograph, together with the EDS mapping, confirmed that the Al2O3
particulates were distributed uniformly amongst the Al matrix, though a few agglomerates
did remain. The microstructure shown in Fig. 9b shows agreement with the observation
shown in Fig. 8a that both granular grains and dendrite microstructures were formed
because of the rapid solidification and thermal gradient. The microstructure subjected to
plastic deformation is clearly shown in Fig. 9c; the deformed and elongated grains became
entangled with one another, which contributed to strength enhancement.
3.4. Mechanical properties
3.4.1. Tensile behaviour of as-fabricated samples

Fig. 10 shows the tensile testing results of pure aluminium samples and composite
samples under different conditions. The composite sample under optimum process
parameters exhibited a 36.3% improvement in yield strength (
) as compared to the
pure aluminium sample fabricated under the same conditions: 109 MPa and 80 MPa,
respectively. The ultimate tensile strengths (UTSs) of the composite and pure aluminium
samples were found to be 160 MPa and 110 MPa, respectively, indicating a 45.5%
improvement in UTS. Fig. 10a also shows the tensile performance of the as-fabricated
composite sample fabricated at 100 mm/s; a 106 MPa UTS and 2.4% elongation were
noted. The tensile samples used in this study are shown in Fig. 10b.

Fig. 10. (a) Tensile stress-strain curves of as-fabricated pure Al and composite samples; (b)
photograph of the samples after the tensile testing.

Fig. 11 shows the fractures of the as-fabricated composite samples fabricated at 100
mm/s (Fig. 11a–c) and 300 mm/s (Fig. 11d–e), respectively. A few obvious cracks (A1-A5)
were present in the fracture surface of the sample fabricated at 100 mm/s; these cracks
contributed to a brittle fracture associated with a low elongation, which was consistent with
the tensile performance shown in Fig. 10.
EDS analysis (Fig. 11b) confirmed that the present cracks were attributable to oxides
that were from the original feedstock and/or were generated during the SLM process. Fig.
11d–f shows the fracture surface of the composite sample fabricated at 300 mm/s. The
fracture surface shows a higher number of fine dimple structures and fewer cracks

compared to the tensile samples fabricated at 100 mm/s, which suggests a ductile fracture
rather than a brittle fracture. One can see that a few deep holes were formed and
surrounded by very fine dimple structures at the fracture surface; this implies that the
microstructure at the vertical section (along the building direction) was not particularly
uniform because of the grain growth.

Fig. 11. SEM micrographs showing the fracture surfaces of as-fabricated composite samples
fabricated at (a–c) 100 mm/s and (d–f) 300 mm/s.
3.4.2. Micro-hardness performance

Fig. 12 shows the microhardness of the composite samples and pure aluminium
samples fabricated at 300 mm/s. Fig. 12a shows the microhardness of the as-fabricated
horizontal section (8 x 8 mm) as measured in three directions (a, b and c). It is clear that
the average hardness values in the three directions were very close (49.48, 47.57 and
48.35 HV/0.1, respectively), which suggests that microhardness is directionally
independent. Overlapping regions are generally thought to be weaker than other regions
within one layer. In this work, however, the uniformity of the measured microhardness
showed that the microhardness was independent of direction. Similar results were also
reported by Zhang et al. [24].
The microhardness of the pure aluminium sample in three directions was also
measured; these results are shown in Fig. 12b. An average microhardness of 41.3 HV/0.1
was obtained from the three directions, compared to a 48.5 HV/0.1 microhardness for the
composite sample. The 17.5% increase in the microhardness is thought to have been
caused by the addition of the Al2O3 reinforcement; this step tends to improve strength by
increasing the dislocation density in the composite sample.

Fig. 12. Microhardness of the samples fabricated at 300 mm/s: (a) composite and (b) pure Al; (c)
stress-strain curve of the composite samples under cold working; (d) microhardness of the
samples subjected to cold working.

Fig. 12c shows the stress-strain curves of the horizontally and vertically composite
samples induced by cold working. One can see that the compressive behaviours of the
two samples were consistent at the elastic-deformation stage, while the horizontal sample
exhibited a higher yield stress than the vertical sample; this is believed to have been
induced by the building direction. After the yield points, the samples were subjected to
plastic deformation, at which point the compressive behaviour tended to be consistent
when the strain was greater than 20%.
Fig. 12d shows the microhardness of the two cold-worked samples with a 40% strain.
Because this study has shown that the microhardness of samples fabricated using SLM is
directionally independent, the hardness of the two cold-worked samples was only
measured in one direction (the ‘a’ direction). The horizontal and vertical samples exhibited
very close average microhardness values of 67.24 and 67.66 HV/0.1, respectively. Further,
the hardness performance of the two samples showed consistency with their compressive
behaviour within the cold-working process: a 40% strain was associated with a roughly
280 MPa stress for both the horizontal and vertical samples (Fig. 12c).

4. Discussion
4.1. Finite element simulation and process parameters optimisation
The simulation results indicate that the thermal performance within the SLM process is
strongly dependent on the scanning speed when the laser power is constant. When the
scanning speed was increased to 400 mm/s, the predicted molten pool width was around

106 µm (see Fig. 4b), which implies that no metallurgical bonding occurred between two
adjacent hatches when a 130 µm hatch spacing was employed. Fig. 13 shows the singlelayer fabrication under 200 W laser power and 400 mm/s scanning speed with hatch
spacing varying from 70 µm to 130 µm. One may see that a hatch gap formed between
two adjacent hatches when the hatch spacing was increased to 130 µm, which suggests
that no metallurgical bonding took place between the two hatches (Fig. 13c). The
experimental results showed agreement with the simulation. The range of the hatch
spacing used for optimisation was thus narrowed down to save on experimental costs.
Only 70 µm and 100 µm hatch spacing were selected, as shown in Table 2.

Fig. 13. Single-layer fabrication under hatch spacing of (a) 70 µm; (b) 100 µm; (c) 130 µm.

The maximum temperature induced by the laser irradiation must be higher than the
melting point of the powder bed in order to fully melt both the Al matrix and Al2O3
reinforcement and further produce a fully dense part. Fig. 4c shows the maximum
temperature variation along the scanning route when the scanning speed varied from 100
mm/s to 1,000 mm/s. The predicted maximum temperature was lower than the melting
point of Al2O3 (2,040°C) when the scanning speed was greater than 400 mm/s, which
suggests the existence of porosity and microcracks within the as-fabricated parts.
Therefore, the range of scanning speed for optimisation was chosen to be 100–600 mm/s
to save on experimental costs (see Table 2).
4.2. Mechanism of porosity formation
The experimental results demonstrate that laser-energy density strongly affects the
relative density. This may be attributed to the transition of the laser-working mode between
conduction mode and keyhole mode [25]. A 317.5 J/mm3 laser-energy density was
determined to be the threshold based on the porosity calculation (Fig. 5). When the laserenergy density was lower than the threshold, with an increase in energy density (which is
generally achieved by reducing the scanning speed), more heat energy could be
accumulated, which in turn tends to fully melt the composite powder, thus leading to an
increase in relative density. At this stage, the laser works in conduction mode, and the
penetration depth is determined by the thermal conductivity of the solidified layers. When
the laser-energy density goes beyond the threshold, however, the maximum temperature
of the molten pool surface is generally greater than the boiling point of the powder, which
could induce strong evaporation. The generated recoil pressure together with Marangoni
convection could then cause spattering and depression of the molten pool surface.
Keyhole pores and microcracks would then be formed, which would further result in
decreases in relative density. This finding is in agreement with [26] [27], in which the
significant effect of recoil pressure and Marangoni convection in the SLM of stainless steel
and aluminium alloy was investigated.

4.3. Microstructure
The microstructure investigation demonstrated that the microstructure formed was nonuniform at the molten pool region (Fig. 8). This microstructure is thought to have been
induced by the temperature gradient during the laser irradiation. The temperature at the
boundary regions was much lower than that inside the molten pool, because the heat flux
that was employed followed a Gaussian distribution. During the solidification process, the
cooling rate inside the molten pool was thus more rapid than in the boundary regions. A
previous study has shown that rapid cooling produces smaller grains, whereas slow
cooling produces larger grains [28]; in the current study, both fine and coarse
microstructures formed at the molten pool regions. Within single-layer processing, another
factor that can contribute to the formation of non-uniform microstructure is the remelting
process, which occurs between any two adjacent discrete point exposures when the laser
beam is in motion. In addition, due to the hatch overlap, the boundary regions of the
molten pools also melted twice, and the grain grew along the positive temperature gradient
to form a non-uniform microstructure.
Generally, during the SLM process, the powder layer is irradiated and the induced heat
energy is transferred from the surface of a deposited powder layer to the solidified layers
underneath; columnar grains form during the solidification process due to the temperature
gradient within the molten pool. In the present study, the grains that formed in the solidified
layers underneath also grew along the temperature gradient and further formed columnar
grains because of the heat conduction and remelting process; dendrite microstructures
were thus formed (Fig. 8c 2–3). This finding shows agreement with the literature [24][29],
in which columnar grains have also been observed when SLM is used to process iron and
aluminium alloys.
4.4. Tensile performance and fracture behaviour
The pure aluminium samples were also fabricated to investigate the influence of added
Al2O3 reinforcement on tensile performance. The tensile performance of pure aluminium
fabricated at 300 mm/s showed agreement with Kimura et al. [15] and exhibited much
stronger strength than the pure wrought-aluminium values described in the literature [28],
which were 35 MPa and 90 MPa for yield strength and UTS, respectively. This is believed
to have been induced by the rapid cooling within the SLM process. The elongation of pure
aluminium (2%), however, was lower than that of the composite sample (5%); this
elongation is thought to have been induced by the scanning speed. Compared to the
composite powder, the pure aluminium powder exhibited higher thermal conductivity; the
optimum scanning speed (300 mm/s) for the composite powder may not have been
optimum for accumulating sufficient heat to fully melt the powder. Porosity as well as
partially melted powders were found to have formed, which was confirmed by the
microstructure observation. The composite sample fabricated at 100 mm/s scanning speed
exhibited poorer mechanical strength than that of the 300 mm/s scanning speed; this
poorer tensile behaviour is thought to have been induced by the interaction between recoil
pressure and Marangoni convection under super-slow scanning speeds, which contributed
to the formation of keyhole pores and microcracks (oxides) [25] [26]. The tensile behaviour
also showed agreement with the porosity evaluation shown in Figs. 5–6.
The fracture surface of the tensile sample fabricated at 100 mm/s showed a few cracks,
and EDS analysis confirmed that these cracks had been caused by oxidation (Fig. 11a–b).

Similar fracture surfaces were also observed in the SLM of aluminium alloys by Read et al.
[6] and Louvis et al. [9]. The thin oxide films in the present study failed to wet the
surrounding powders properly, thus contributing to poor metallurgical bonding due to the
formation of pores and microcracks. It is likely that some of the powder could have be
trapped in the poor-bonding regions (e.g. pores) when depositing the subsequent powder
layer. These defects led to the formation of large cracks in the failed samples, as shown in
Fig. 11c.
4.5. Microhardness and cold working
The experimental results demonstrated that cold working played a significant role in
microhardness enhancement (Fig. 12). The marked observed increase in microhardness
(about 39%) compared to the as-fabricated composite samples is attributable to the plastic
deformation that occurs within the cold-working process. During the cold working, the
grains become deformed and elongated. The deformed samples exhibit high strength and
hardness because of the entanglement of the dislocations with grain boundaries and with
one another. This finding was also confirmed by the microstructure observation shown in
Figs. 8–9, in which both molten pool tracks and grains were shown to be deformed and
elongated after the cold-working process. The increase in strength depends on the degree
of plastic deformation that occurs: in general, the higher the deformation, the stronger the
part becomes. Cold working, however, results in a product with anisotropic properties due
to the preferred orientation (e.g. reduction in ductility).

5. Conclusions
This study investigated a simulation of and the microstructural/mechanical properties of
as-fabricated Al-Al2O3 nanocomposite using the selective laser melting process. It also
scrutinised the influence of cold working on microstructural changes and mechanicalproperty enhancement. The following important findings derived from the results were
presented in this paper.
(1) The range of hatch spacing and scanning speed was narrowed via finite element
thermal simulation. An optimum laser-energy density of 317.5 J/mm3 was
determined by quantifying the relative density of the as-fabricated composite
samples; an optimum laser-scanning speed of 300 mm/s was obtained accordingly.
The relative density was found to be as high as 99.49% under the optimum process
parameters.
(2) The Al2O3 reinforcement particulates were distributed uniformly amongst the Al
matrix after the solidification. The composite parts that were produced presented a
very fine granular-dendrite microstructure due to the rapid cooling that had occurred.
The grain growth resulted in the formation of columnar grains; this formation was
induced by the thermal gradient at the molten pool region during the laser irradiation.
(3) The uniform-distributed Al2O3 reinforcement contributed to the enhancement of
mechanical properties. Compared to pure Al, 36.3% and 17.5% increases in yield
strength and microhardness (respectively) for the composite samples were achieved.

(4) Cold working played a significant role in enhancing mechanical strength via changes
to the material microstructure. Compared to the as-fabricated composite sample, the
cold-worked composite sample showed a 39% increase in microhardness. This
increase is thought to have been caused by the plastic deformation, in which grains
were deformed and elongated. A higher shear stress was thus required to cause
further slippage.
Cold working creates products with anisotropic properties due to preferred orientation
(e.g. reduction in ductility). Therefore, in order to obtain a better understanding of the SLM
of advanced Al-Al2O3 nanocomposites used in the aerospace and automotive fields,
materials suppliers, machine manufacturers and academic researchers should ideally work
together to provide a feasible solution.
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